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1.1 Age hardenable aluminum alloys 
Aluminum alloys belong to the group of the most used metals in our daily lives and 
also many applications in industry due to the low density and good mechanical properties. 
Pure aluminum is very soft and lacking in strength, its application is largely limited to 
packaging and foil, electronic conductors [1]. In order to make use of aluminum as 
construction materials or in application as an engineering material for lightweight 
constructions, the strength of the Al-based materials must be increased [1,2]. It is well 
known that the pure aluminum can be strengthened by four physical mechanisms: (1) 
dislocations (work hardening); (2) grain boundaries; (3) alloying elements in solid 
solution; (4) precipitation hardening [2,3]. All the four mechanisms that can increase the 
strength are based on the effect of hindering dislocations from gilding.  
Solute elements are usually added to the pure aluminum and make it gain age-
hardenability, these alloys can achieve their highest strengths by heat treatment to 
promote precipitation of the major alloying elements. the formation of a large amount of 
dispersed nanometre-scaled precipitates during aging treatment can effectively impede 
the moving dislocations [4]. With the Mg and Si addition, Al-Mg-Si alloys are an 
important class for structural applications due to the combination of medium strength, 
good formability and corrosion resistance. At the same time, as the lightest metal found 
in the nature, lithium addition to aluminium alloy can reduce the density and also make 
the aluminum heat treatable, Al-Li alloys are attractive especially for aerospace 
applications, because they offer interesting combinations of high specific strength and 
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high specific modulus [5]. For the Al-Li alloys, Mg and Cu are usually added for getting 
higher strength. 
1.2 Precipitation during heat treatment in age hardenable alloys 
As a heat treatable alloy, to maximize strength, the heat treatment of the Al-Mg-Si 
alloys mainly consists of three stages: (1) a solution treatment at elevated temperature, 
(2) quenching to room temperature, and (3) an aging treatment at lower temperature 
(170oC-200oC). During aging treatment, the precipitation development from the super 
saturated solid solution (SSSS) and till the equilibrium phase forms is given as a 
precipitation sequence, the precipitation sequence of the metastable phase depends on the 
content of the Mg and Si in the alloy as follows [6-15]: 
In the case of Mg/Si > 2, 
Atomic clusters → GP zones → β″ → β′→ β.  
In the case of Mg/Si < 2, 
Atomic clusters → GP zones → β″ → β′, Type-A, Type-B, Type-C → β, Si. (Type-
A, Type-B, Type-C also called U1, U2 and B', respectively).  
All the metastable precipitates in the Al-Mg-Si alloys have needle/lath/rod 
morphologies with longest dimension oriented along <100>Al directions, in which the 
precipitates are fully coherent with the matrix [9]. Among them, β″ is the main phase that 
forms in the peak aged condition of the Al-Mg-Si alloys. The coarse β′ phase generally 
appear after over aging, associated with a decrease in hardness. With the excess of Si, in 
addition to β′, Type-A, Type-B and Type-C also appear in the matrix of over-aged 
condition [12]. Since the precipitates of Type-A, Type-B and Type-C in the excess Si 
6 
alloys have a similar morphology as the β′ phase, all these precipitates were considered 
as β′ phase before 1995 [13].  
The Al-Li alloys have been strengthened by dispersion of fine precipitates. The 
precipitation sequence of the Al-Li alloys is reported as follows [16]: 
SSSS → δ' (Al3Li) → δ (AlLi) 
In Al-Li alloys, Mg addition enhances the precipitation of δ' phase due to Mg lowers 
the solubility of Li in the α-Al solid solution and incorporates into the δ' phase itself [17], 
two phases are known in Al-Li-Mg alloy, δ' phase and equilibrium cubic S1 phase 
(Al2MgLi) [18,19]. Furthermore, the addition of Cu leads to precipitates, T1 (Al2CuLi) 
and θ' (Al2Cu) phases. It is known that δ', T1 and θ' precipitates are responsible for the 
strengthening of Al-Li alloys [20]. Silcock firstly identified T1 phase as an important 
constituent in the Al-Li-Cu system and verified the orientation relationship as 
(0001)//(111); T1 phase is generally consider as hexagonal, of symmetry P6/mm, and 
forms as platelets on the {111}Al planes of the matrix with a unit cell of dimensions 
a=b=4.95Å and c=9.327Å [21].  
In addition to aging treatment, homogenization is also a process where precipitation 
may take place. In industry, the applications of Al-Mg-Si alloys can be found in rolled 
products and extrusions. Many complex components, i.e, door pillars and door sills, are 
produced using extrusion as the main manufacturing method. The general processing 
sequence for the Al-Mg-Si alloys involves casting, homogenization, billet re-heating, 
high temperature extrusion, solution heat treatment (optional for many Al-Mg-Si serious 
alloys) and artificial aging [22].  
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Homogenization is an essential process in extrusion technology of the Al-Mg-Si 
alloys, because homogenization can reduce the chemical segregation of the cast. During 
homogenization cooling, the precipitates may also form in the matrix, controlling 
precipitation behaviour during cooling stage is important, because the shape and size of 
the precipitates can affect the subsequent processing [23]. Thus, controlling precipitation 
is important to the extrudability or even the final mechanical properties. 
Homogeneous precipitation during homogenization cooling has been extensively 
studied in the Al-Mg-Si alloys, one of the most important processes which takes place 
during homogenization is the dissolution of Mg-Si particles. The dissolution of Mg-Si 
particles can increase the Mg and Si content of the matrix, Furthermore, during cooling 
after homogenization Mg–Si precipitates may form again, which decreases the Mg and 
Si solute content [24-27]. Compared to isothermal aging treatment, the homogeneous 
nucleation of equilibrium phases or over-aged phase are easy during homogenization 
cooling. The type and dimension of the precipitates depend on the chemistry of the alloy 
and the cooling rate, there are many papers focused on the effect of cooling rate on the 
precipitation process during homogenization cooling. 
Milkereit et al. used five kinds of excess Si type Al-Mg-Si alloys to investigated how 
the cooling rate affect the precipitation by means of differential scanning calorimetry 
(DSC), all the investigated alloys shown similar precipitation behavior, which consists of 
the high-temperature precipitation of at least the Mg2Si and the low-temperature 
precipitation of presumably β' and/or B' (Type-C) [24]. Zajac et.al investigated the 
influence of homogenization cooling rate on the microstructure and extrudability of 
AA6082 and AA6063 alloys, his results have shown that the equilibrium fcc β-Mg2Si 
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precipitates when the cooling temperature after homogenization is above 400 oC and 
hexagonal β′ at lower temperatures [25]. They concluded that billets with the β′ particles, 
which form at lower temperatures, give low flow stress at extrusion temperature. Also, 
step -cooling was proposed to suppress the formation of stable β phase, and instead 
produce the metastable β′ platelets. Birol has carried out a series of work to study the 
effect of cooling rate on precipitation during homogenization cooling in Al-Mg-Si alloys. 
His results shown that the β and β′ phase were the main precipitates formed during 
homogenization cooling and their amount increased with decreasing the cooling rate [26-
28]. Du et al. also proposed a model to predict the competitive nucleation and growth of 
the β and β′ particles during homogenization cooling process, the model predictions are 
in good agreement with the microstructure characterization results in the AA6082 and 
AA6061 alloys [29]. As written above, under over-aged condition of the excess Si type 
Al-Mg-Si alloys, except β′, Type-A, Type-B and Type-C also exist and exhibit rod/lath-
shape in the matrix, in addition, some of the Si phase can also exhibit a similar shape. 
Thus, it is difficult to distinguish these precipitates by shape. However, until now, all the 
precipitates in the published papers are characterized by indirect methods, i.e. DSC, XRD 
or even the shape, there is no directly characterization or observations of the type of the 
precipitates.  
Although homogeneous precipitation during homogenization cooling has been 
extensively studied, the heterogeneous precipitation behavior is still unclear, especially 
when the precipitates nucleate on the dislocations, which forms during homogenization 
cooling. Actually, in the work of Birol [26-28], many “boundaries” frequently appeared 
within the grains in his samples, especially when the cooling rate was higher than 200 
oC/h [27], however, there is no reports about this phenomenon. At the same time, how the 
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cooling rate and different precipitates formed during homogenization cooling affect the 
final properties are not fully understood. At the same time, many papers focused on the 
effect of homogenization on the extrudability, few reports about how homogenization 
affect the microstructure and precipitation during final aging treatment.  
1.3 Precipitation during aging treatment with deformation induced strains 
In industrial practice, the products often have to experience a certain degree of 
deformation, such as straightening and forming, before final aging treatment, in this case, 
low amount of strains are introduced into the matrix. Meanwhile, unlike the non-heat-
treatable Al-Mg and Al-Mn alloys, which are strengthened mainly by working them at 
room temperature to induce strain hardening. The strength of the heat-treatable alloys 
may be increased by combination of strain hardening (grain refinement) and precipitation 
hardening. With increasing the strains, the microstructure evolution of the pure aluminum 
was shown in Fig. 1, It can be seen that the microstructure follows: (1) dislocation 
accumulation occurs, (2) sub-grain boundaries form, (3) some dislocations are annihilated 
at sub-grain boundaries to increase the misorientation angels and (4) finally balance is 
established between generation of dislocations and absorption of dislocations at grain 
boundaries [30]. 
Following solution treatment, deformation introduced strains has a strong effect on 
precipitation behavior during final aging treatment. With low amount of strains, the aging 
behavior with the presence of dislocations has been investigated extensively. It is 
generally accepted that the introduced dislocations can provide heterogeneous nucleation 
sites that may change the precipitation kinetics and the precipitation sequence. Matsuda 
et.al showed for the first time that in the presence of dislocations, a string-like precipitate, 
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together with an elongated type and Type-C precipitates, are formed along the dislocation 
[31,32]. Yassar et.al investigated the precipitation behavior of a 6022 alloy during 
differential scanning calorimetry experiments by TEM. It was also shown that the β″ 
phase is not formed in the presence of dislocations [33]. Teichmann et.al reported that the 
introduced dislocations prior to aging has a profound effect on the precipitation behavior, 
the microstructure, local distribution and type of the precipitates are altered. Under peak 
aged conditions, the precipitates type changes from predominantly β″ in the undeformed 
samples to over aged precipitates in the pre-deformed samples [34]. Lai et.al concluded 
that when the slight deformed Al-Mg-Si alloys aged at 250oC, the majority of the 
dislocations-induced complex precipitates are multiphase composite precipitates, 
including polycrystalline U2 precipitates, B′/U2 and β′/U2. Also, they explained the 
parallel growth of the precipitates is owing to the that all the nuclei orient their easy-
growing directions parallel to the associated dislocation lines[35].  
With high strains introduced by severe plastic deformation (SPD), the Al-Mg-Si 
alloys exhibit reduced aging hardenings or significant age softening. Hirosawa et.al 
concluded that the cold rolled and HPT processed 6022Al-Mg-Si alloy exhibits reduced 
aging hardenings or significant age softening, failing to take advantage of the excellent 
age-hardenability of this alloy. This is because heterogeneous nucleation of coarsened 
over-aged precipitates becomes predominant at dislocations and grain boundaries in place 
of the main strengthening β″ phase [36]. 
Above all, for the Al-Mg-Si alloys, the age-hardenability reduces under different 
strains due to the lack of strengthening phase β″ and the over-aged precipitates can easily 
nucleate at dislocations or grain boundaries. At the same time, the distribution of the 
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needle/rod shaped precipitates along the dislocation is altered, the precipitates form along 
the dislocations tend to line up and parallel to each other.  
For the Al-Li-(Cu, Mg) alloys, deformation has a different effect on the precipitation 
behaviors. Adamczyk et.al reported that the equal channel angular extrusion (ECAP) and 
hydrostatic extrusion (HE) processed binary Al-Li alloy cannot be strengthened by aging 
treatment, even the aging temperature is 100oC [37]. However, with the Cu addition, 
deformation is usually introduced due to the nucleation of T1 precipitates strongly 
depends on the application of plastic deformation prior to ageing [38]. More recently, the 
combined processing of SPD and aging treatment for strengthening the 2091 Al-Li alloys 
has been achieved [36,39]. When the 2091 alloy process by HPT, a further increase in 
hardness was achieved by aging the alloys at 100oC and 150oC, however, the effect of Cu 
and Mg is still unclear during aging treatment under SPD condition.  
In this study, following solution heat treatment, conventional cold rolling (CR), 
asymmetric rolling (ASR) and High-pressure torsion (HPT) are used to introduce low, 
middle and high amount of strains. As shown in Table 1, the diameter of the rollers is the 
same under the conventional cold rolling condition. For producing large-scaled sheets or 
plates with good mechanical properties, ASR has been proposed by Buxton and 
Browningt in 1972 [40]. The schematic illustration of ASR is shown in Table 1. In ASR, 
the peripheral speeds of the two rolls at the contact surface are different, consequently the 
material is exposed to an extra shear deformation in addition to the compression 
deformation. Under the same rolling reduction, the effective plastic strains reached by 
ASR are larger than those obtained by CR, thus the ASR process could refine the grains 
[41]. Among SPD processes, HPT is popular because it can continuously introduce a large 
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amount of strain into material. The first concept of HPT was introduced by P. W. 
Bridgman in 1935 [42]. And, HPT have much attention during last 3 decades because of 
its excellent grain refinement ability, HPT is a powerful method for grain refinement of 
metallic materials, hard-to deform materials, ceramics and intermetallic materials [43-50]. 
The schematic illustration of HPT is shown in Table 1 and equivalent strain (ε) is 
calculated by quoted equation (2). 
In this work, ASR were adopted to introduce middle amount of strains to the Al-Mg-
Si alloy, the effect of ASR on microstructure and precipitation behaviours was studied. At 
the same time, in order to compare the effect of deformation on microstructure and aging 
behaviors in different age-hardenable alloys, Al-Li-(Cu, Mg) alloys were used due to 
lithium addition to aluminium reduces the density, and makes the aluminum obtain 
combinations of high specific strength and high specific modulus. In previous studies, the 
combined processing of SPD and aging treatment for strengthening the 2091 Al-Li alloys 
has been achieved, however, the effect of Cu and Mg is still unclear under SPD conditions. 
In the present work, except ASR, conventional CR and HPT were also used to introduce 
low and high amount of strains to the Al-Li alloys, the effect of deformation on 
microstructure and aging behavior of the Al-Li-(Cu, Mg) alloys was investigated. 
1.4 Objectives 
The aim of this work is to study the effect of different processes on microstructure 
and precipitation in age-hardenable aluminum alloys. Firstly, the effect of 
homogenization cooling rate on the microstructure and precipitation behavior after 
homogenization, extrusion and solution treatment was investigated in the Al-Mg-Si alloys; 
Second, following solution treatment, the effect of deformation on microstructure and 
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precipitation behaviors during aging treatment in Al-Mg-Si alloys was studied. To 
compare and better understand the effect of deformation on aging behavior in different 
age-hardenable alloys, in addition to Al-Mg-Si alloys, Al-Li-(Cu, Mg) alloys were also 
used.  
The objectives of this work are the following: 
(1) To investigate both the homogeneous and heterogenous precipitation behavior 
of the Al-Mg-Si alloys during homogenization cooling stage, especially try to clarify what 
causes the formation of “boundaries” inside the grains during homogenization cooling 
stage.  
(2) To investigate the effect of homogenization on the microstructure and 
precipitation after extrusion, solution treatment and during aging treatment in the 
balanced and excess Si type Al-Mg-Si alloys. 
(3) To study how the strain introduced by deformation affects the microstructure and 
precipitation behavior during aging treatment in the Al-Mg-Si and Al-Li-(Cu, Mg) alloys. 
Also, to classify the effect of Cu and Mg on the microstructure and aging behaviors of the 




Fig. 1 Schematic illustration of microstructural evolution with straining of pure aluminum. 
Thin double lines represent low angle boundaries with some extension of boundary width 
and thick lines in region III represent high angle boundaries. 
 
 
Table 1 Schematic illustrations of deformation methods 
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2.1 Materials and heat treatments 
The composition of the used alloys is shown in Table 1, all the alloys were prepared 
by laboratory casting. Two different Al-Mg-Si alloys with the composition of Al-0.31Mg-
0.68Si wt% (excess Si type) and Al-0.64Mg-0.32Si wt% (balanced alloy) were used in 
this work. The diameter of the Al-Mg-Si billets is 4 cm. The composition of the Al-Li, 
Al-Li-Cu and Al-Li-Mg alloys is also shown in Table 1.  
For the Al-Mg-Si alloys, after casting, the heat treatment processes were shown in 
Fig. 2. The Al-Mg-Si samples for homogenization cooling experiments were cut from the 
cast billets with a length of 5 cm, then the samples were divided into three groups. The 
first group was extruded directly. The samples for homogenization experiments were 
homogenized at 575 oC for 2 h. After that, the samples were cooled in the air and furnace, 
respectively. The cooling rate in the furnace was 20 oC/h (~0.33 oC/s) and the furnace-
cooling process was stopped when the temperature decreased to 200 oC. For the samples 
cooled in the air, the cooling rate was about 830 oC/h (~14 oC/s). To investigate how the 
precipitates form during homogenization cooling stage, the samples were taken out the 
furnace and quenched into water at the temperature. As shown in Fig. 3, after holding at 
575 oC for 2 h, the first group samples were taken out the furnace and quenched into water 
directly. Then, as the temperature decreased to 450 oC and 350 oC, the other two group 
samples were also taken out of the furnace, respectively.  
After homogenization, the billets were re-heated to 405 oC, then the billets were 











Fig. 2 Schematic showing the various processing stages for the Al-Mg-Si alloys studied 




samples were heated up to 575 oC and hold at this temperature for 1 H to achieve a single 
phase, then, the samples were quenched in chilled water. The aging treatment was 
performed at 200 oC in an oil bath. For TEM observation, the sheets after hot extrusion 
was cold rolled to 0.2 mm.  
2.2 Deformation and aging treatment 
The samples of the Al-Mg-Si alloys for ASR experiment was cut from the as-cast 
billets. The dimension of the samples is 60×20×6 mm. Before ASR, the samples were 
solution treatment at 575 oC for 1 h, then, the samples were rolled at room temperature 
with a thickness reduction of 30%, 50% and 80%. Aging treatment was performed at 150 
oC and 200 oC.  
For the Al-Li-(Cu, Mg) alloys, before deformation, all the Al-Li, Al-Li-Mg and Al-
Li-Cu alloys were solution treated at 560 oC for 1 h and quenched in water. Deformation 
and heat treatment conditions are shown in Table 3. ASR was carried out using different 
roll diameters with the ratio of 2.4, Samples with a dimension of 60×20×6mm was rolled 
several times to about 60% thick reduction at room temperature, approximately reduction 
in thickness of 10% was given to the sample through every pass. The thickness of the Al-
Li alloy was reduced from 6 mm to 2.2 mm after six passes, for the Al-Li-Cu and Al-Li-
Mg alloy, the thickness of the sheet was reduced from 6mm to 2.65 and 2.45 mm, 
respectively. As shown in Table 3, the ASR was stopped at different thickness reduction 





Fig. 3 Cooling curve of the homogenization air-cooling process 
 




















  (1)  
where hi and hf are the initial and final sheet thickness, R1 and R2 correspond to the 
radius of the upper and bottom roll. 
For the CR experiment, the samples were cut from the hot and cold rolled sheet with 
a dimension of 10×8×3mm. Then, the samples were rolled to the final thickness of 1.2 
mm with total thickness reduction of 60%. 
For the HPT experiment, the as-homogenized ingot was rolled to sheet through hot 
and cold rolling processes, then the samples for HPT were cut from the sheet in the form 
of disks 10 mm in diameter and 1 mm thick. The disc samples were processed for N=5 
turns with a rotation speed of 1.0 rpm at room temperature under a selected pressure of 6 
GPa. The ε is calculated using the follow eq (2): 
 
                      𝜀𝜀 = 2𝜋𝜋𝜋𝜋𝜋𝜋
√3ℎ
                          eq. (2) 
 
where r is the distance from the disk center, N is the number of rotations and h is the 
thickness of disk after HPT processing. The aging treatment and TEM observation 
samples of HPT processed alloys were made along radial directions from the disc center 
toward the edge in the range of 2-4 mm.  
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2.3 Sample characterization 
Microhardness of HPT and CR processed samples was measured using a hardness 
tester (Mitutoyo HM-101, load:100 g, duration time:15 s). The hardness measurements 
of HPT samples were made along radial directions from the disc center toward the edge 
in the range of 2-4 mm. Hardness of the ASR processed samples were taken with 
microhardness tester (Struers, Duramin 5, load:200 g, duration time:15 s) on the RD-ND 
plane.  
The microstructures of the Al-Mg-Si alloys after casting and homogenization were 
studied by optical microscopy (OM, Olympus BX51M) and scanning electron 
microscopy (SEM, Hitachi S3500). OM and SEM samples were prepared by 
electropolishing with an electrolyte consisting of 1/9 perchloric acid (HClO4) and 8/9 
ethanol (C2H5OH) at 15 V. TEM investigations of all the investigated alloys in the present 
work were carried out on a TOPCON EM-002B operated at 120 kV. TEM disks with a 
diameter of 3 mm were punched out from the as-homogenized foils previously thinned to 
around 70 μm using mechanical polishing. The disks were electropolished in a twin-jet 
polishing machine using a solution of 1/3 nitric acid (HNO3) and 2/3 methanol cooled to 
approximately − 25 °C. 
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3. Experimental results 
3.1  Effect of cooling rate on microstructure after homogenization treatment 
3.1.1 As-cast microstructure 
Fig. 4 and Fig. 5 show the dimensions and microstructures of the as-cast Al-Mg-Si 
alloys used in this work. As seen in Fig. 4(a), optical microscopy (OM) pictures revealed 
that there were many particles formed after casting in the Al-0.31Mg-0.68Si wt% Alloy. 
The SEM images with the corresponding elemental mappings were shown in Fig. 4(c)-
(e), it is clearly seen that Mg-Si and Si-rich particles formed in the matrix after casting. 
Meanwhile, as shown in Fig. 5(b), many particles can be observed in the as-cast billets of 
Al-0.64Mg-0.32Si wt% alloy. The SEM images with the corresponding elemental 
mappings reveal that only Mg2Si particles exist in the matrix after casting. 
3.1.2 Cooled in the furnace 
Fig. 6 shows the OM images of the excess Si and balance alloys after 
homogenization furnace-cooling. As seen in Fig. 6(a) and (b), furnace-cooling results in 
the recrystallization of grains and a more homogeneous distribution of precipitates within 
the grains. Most of precipitates exhibit rod/lath-shaped morphologies, the length is in the 
range from a few micrometers to as long as 30 μm. In addition, liquid-like grain boundary 
(GB) phase can only be found in furnace-cooled samples. The wetting phase transition of 
grain boundaries has been studied by Straumal [53-55]. His results show that there is a 
minimum temperature (Twmin) for wetting phase transition, Twmin is the wetting 
temperature for a GB with maximal energy. Obviously, during homogenization furnace 
cooling (20 oC/H), the wetting transition occurred and incompletely wetted GBs are 
visible. It implies that the Twmin for the investigated alloy is lower than 848K. 
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Fig. 6(c) and (d) show the microstructures of the balanced alloy after 
homogenization. When the samples were cooled in the furnace, as shown in Fig. 6(c), 
coarse Mg2Si particles can be observed in the matrix. Fig. 6(d) is the magnified region in 
Fig. 6(c). It can be seen that many small rod or lath-like precipitates appeared in the matrix 
parallel to each other. The length of these fine and high number density precipitates is 
shorter than 10 μm. 
Fig. 7 shows the TEM bright field images and SAED patterns of the precipitates in 
the furnace-cooled excess Si samples. Fig. 7(e)-(h) are SAED patterns taken from the 
marked areas in (a)-(d). As shown in Fig. 7(e) and (f), the precipitates are with two 
different orientations with respect to the Al matrix and fit well to the TYPE-A [13,56,57]. 
As seen in Fig. 7(b), Type-A can grow to at least 5 μm. Si phase was also confirmed in 
the matrix with two orientations relationships with respect to the Al matrix [15,58]. As 
seen in the Fig. 7(b) and Fig. 9, most of the Si phase exhibited lath shape after furnace-
cooling.  
Fig. 8 shows the bright field images of the precipitates in the furnace-cooled balance 
alloy, which correspond to Fig. 6(c). As shown in Fig. 8(a), many precipitates exhibit a 
lath-shaped morphology and are aligned parallel to each other along the same direction. 
Fig. 8(b) shows the cross sections of coarser precipitates, the size of the cross sections 
can be as long as 80 nm. The enlarged cross sections of the precipitates along the line are 
shown in Fig. 8(c) and (d). It can be seen that except for the β′ phase, a combination of β′ 





Fig. 4 The dimensions and microstructure of the as-cast excess Si alloy: (a) the dimension 
and grains size of the as-cast billet, (b) OM images of the as-cast billet, (c) SEM image 
and (d)-(e) the corresponding elemental mappings of the as-cast alloy. 
 
Fig. 5 The dimensions and microstructure of the balanced alloy: (a) the dimension and 
grains size of the as-cast billet, (b) OM images of the as-cast billet, (c) SEM image and 
(d)-(e) the corresponding elemental mappings of the as-cast alloy. 
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Fig. 6 Optical micrographs of the (a-b) excess Si and (c-d) balanced alloys after 







Fig. 7 TEM bright filed images and SAED patterns of the precipitates formed during 
homogenization furnace cooling. (e)-(h) are taken from the marked regions in (a)-(d). The 





Fig. 8 Heterogenous precipitates formed in balanced alloy after homogenization furnace-
cooling, (a) bright field image and enlarged photograph of the rod-section.  
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3.1.3 Cooled in the air 
Fig. 9 shows the OM images of the samples after homogenization air-cooling. As 
can be seen, when the samples were cooled in air, the grains are still dendritic and few 
precipitates can be found, regardless of the alloy composition. This means that the 
dissolution of Mg2Si and Si was complete when homogenization was carried out at 575 
oC for 2 H. Meanwhile, the air-cooling rate was high enough to trap the Mg and Si atoms 
in the solution. 
However, after air-cooling, many “boundaries” are visible within the grains, as 
shown in Fig. 9(b), small precipitates can also be observed along these “boundaries”. For 
the balance alloy, unlike the furnace-cooled samples, no obvious rod/lath-like precipitates 
could be observed along these “boundaries”, as shown in Fig. 9(d). 
Fig. 10 show the TEM bright filed images of the air-cooled samples. The 
“boundaries”, which were found in the Fig. 9, were confirmed in both of the excess Si 
and balance alloys. As shown in Fig. 10(a), two “boundaries” are visible and the 
precipitates only tend to distribute along the right one in two visible [100]Al and [010]Al 
directions. The misorientation angle of the left one is about 6o and the right one is lower 
than 1o. It can be suggested that the right one is not real boundary but caused by the 
precipitates formed along dislocations. Fig. 10(b) is the magnified part of the Fig. 10(a) 
in which the precipitates were apparently observed to heterogeneously nucleated on the 
right boundary along two perpendicular Al directions. According to the diffraction 
patterns in the upper right, Type-C and β′ can be detected along the dislocation. For the 
balance alloy. As seen in Fig. 10(b), in contrast to the precipitates formed in the furnace- 
cooled samples, the small precipitates grow along the [100]Al and [010]Al directions with 
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Fig. 9 Optical micrographs of the (a-b) excess Si and (c-d) balanced alloys after 




Fig. 10 TEM bright field images of the heterogenous precipitation in (a-b) excess Si and 





lengths shorter than 300 nm. it is obvious that the precipitates in the air-cooled samples 
are smaller than those in the furnace-cooled samples.  
However, different to the precipitates from along the dislocation in which the 
dislocations are lined up and parallel to each other. These precipitates are found to tend 
to distribute in two directions. This behavior of the precipitates is frequently observed in 
the studied two alloys after air-cooling. 
Fig. 11 shows the cross-sections of the heterogeneously nucleated precipitates in the 
matrix of excess Si alloy. The magnified cross-sections are shown in Fig. 11(b)-(d). It can 
be found that the over-aged composite precipitates of Type-C/Type-B and Type-A/Type-
B together with the under-aged string-like precipitates on the dislocations [12,31]. 
Fig. 12 shows the TEM bright field images of the air-cooled samples with the 
incident beam directions along <001>Al for all the images, the precipitates formed along 
the dislocations are shown in Fig. 12(a) and (b), which should be responsible for the 
“boundaries”. Fig. 12(a) is the magnified region along the dislocation line in Fig. 9(d). As 
can be seen, precipitates have nucleated along a line in the matrix. The string-like 
precipitates can always be found between the other precipitates along the dislocations 
[30,31]. As indicated with arrows in Fig. 12(b) and (c), the angles between the direction 
of string-like precipitates and the [100] matrix direction are 30-40o. 
Fig. 12(d) and (e) are magnified region along the dislocation line in (a). As marked 
in a dashed circle in Fig. 12(a), the string-like precipitates consist of many small 
precipitates. Meanwhile, as shown in Fig. 12(e), even when the cooling rate was high 
(~830 oC/H), the β′/Type-B composite precipitates could be observed along the 
dislocations in the air-cooled samples. 
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Fig. 11 TEM bright field images and the SAED patterns of the air-cooled excess Si alloy. 
(b) is the magnified region of (a), the SAED pattern was taken from the marked area with 
dashed circle. (c-f) are the cross-sections of the precipitates found in the matrix. The 







Fig. 12 TEM bright field images and the SAED pattern of the balanced alloy after 
homogenization air-cooling. (a) is the magnified region of Fig. 9(d), the diffraction 
pattern in the lower left was taken from the marked area with dashed circle. (b) and (c) 
are the similar microstructures found in the matrix. (d) and (e) were magnified from the 
(a). 
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3.1.3.1 Mechanism of heterogeneous precipitation during homogenization air-
cooling 
It is well known that with the presence of dislocations, the precipitates in the Al-Mg-
Si alloys are lined-up and parallel to each other during aging treatment [30,31,60-62]. 
However, in the present work, the dislocation-induced precipitates grow along [100]Al 
and [010]Al directions, as shown in Fig. 10.  
In order to classify how the precipitates form along the dislocations during 
homogenization cooling stage and why they are different to the precipitates under the 
isothermal aged conditions, the air-cooled samples during homogenization cooling were 
stopped at different temperatures. The samples were divided into three groups. The first 
group was quenched in chill water directly after homogenized at 575 oC for 2 H. The other 
two groups were taken out from the furnace at the temperature of 450 oC and 350 oC, 
respectively.  
Fig. 13 shows the OM images of the samples during air-cooling stopped at different 
temperature. As seen in Fig. 13 (a) and (b), when the samples stopped at 450 oC, there is 
no boundaries can be observed within the grains, however, as the temperature continues 
to decrease to 350 oC, the boundaries, which are similar to the Fig. 9, are visible within 
the grains. As shown in Fig. 13 (e) and (f), the precipitates can also be found along the 
dislocations, this means that the precipitates have nucleated on the dislocations at this 
temperature.  
Fig. 14 shows the SEM and EBSD micrographs of the balance alloy cooled to 350 
oC, the region of Fig. 14 corresponds to the Fig. 13(d). Obviously, there is no sub-
boundaries inside the grains, all the “boundaries” are caused by precipitates along the 
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dislocations.  
Fig. 15 shows the microstructure of the two Al-Mg-Si alloys after homogenized at 
575 oC for 2 H and quenched in water. It can be seen that many dislocations formed in 
the matrix. Since the cooling rate is high when quenching the billets in water, these 
dislocations may due to the cooling strain or have formed in the matrix before quenching.  
The microstructures of the excess Si alloys cooled to 450 oC are shown in Fig. 16, similar 
to the as-quenched state, the dislocations also can be found in this group. At the same 
time, the precipitates are not observed along the dislocations, which corresponds to the 
Fig. 13, no “boundaries” can be found within the grains. This suggests that it is difficult 
for the precipitates nucleate on the dislocation when the samples were taken out of the 
furnace at this temperature. It should be note that when the temperature decreased to 450 
oC, the dislocation exhibits a wavy contrast, as shown in Fig. 16(d), it is due to the 




Fig. 13 Optical micrographs of the (a,c,e) excess Si and (b,d,f) balanced alloys during 
homogenization air-cooling stopped at (a)-(b) 450 oC and (c)-(f) 350 oC. (e) and (f) are 





Fig. 14 SEM and EBSD micrographs of the balanced alloy cooled to 350 oC. The region 
corresponds to Fig. 13(d).    
 
Fig. 15 TEM bright field images of the (a-b) excess Si and (c-d) balanced alloys after 
homogenization at 575 oC for 2 H and quenched in water. (b) and (d) are magnified region 
along the dislocations of (a) and (c). 
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Fig. 16 TEM bright field images of the excess Si alloy during homogenization cooling 




Fig. 17 shows the microstructures of the excess Si alloy during homogenization 
cooling stopped at 350 oC, as seen in Fig. 17(a), when the incident beam direction is along 
<112>Al zone axis, there is two equivalent <100>Al directions. However, the precipitates 
only along one [100] direction can be observed. This indicates that the precipitates 
nucleate on the dislocations during cooling was not along three <100>Al directions. As 
shown in Fig. 17(b), the dot-like precipitates near the dislocations can also be found, it is 
the precipitates along the [001]Al direction. Under this condition, the precipitates form 
along the dislocations along two <100>Al directions. Meanwhile, as shown in Fig. 17(c), 
under the same condition, dislocations without precipitates can be found in the matrix, 
which is similar to that when the temperature decreases to 450 oC. 
Fig. 18 shows the microstructure of the balance alloy when temperature decreases to 
350 oC. The incident beam directions are near the <100>Al zone axis for all the images. 
As shown in Fig. 18(a), it is clearly seen that the precipitates formed along the dislocations 
along two directions. However, in the Fig. 18(b), the precipitates formed along the 




Fig. 17 TEM bright field images of the (a-b) excess Si alloy during homogenization 




Fig. 18 TEM bright field images of the balanced alloy during homogenization cooling 
stopped at 350 oC. (a) and (b) are different dislocations found in the matrix. 
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3.2 Effect of homogenization on microstructure and precipitation after extrusion 
and solution treatment 
3.2.1 After hot extrusion 
Fig. 19 shows the OM and EBSD images of the as-extruded excess Si type alloy 
with different homogenization treatment. Form the OM images, as shown in Fig. 19(a), 
it can be seen that the grain size is uniform in the as-extruded samples without 
homogenization. However, for the samples with homogenization, the distribution of the 
grain size is not uniform, some big grains together with very small grains can be observed 
after extrusion, especially in the air-cooled samples, it is clearly that there are some big 
grains, and also in some areas along the extrusion direction, there are some small grains. 
EBSD confirmed the uneven distribution of the grain sizes. At the same time, as can be 
seen from Fig. 20, this phenomenon was also found in the balanced alloy, the distribution 
of the grain sizes in the samples without homogenization is more uniform than that in the 
samples with homogenization. This suggests that the distribution of the grain size is not 
sensitive to the alloy composition, but to homogenization treatment. 
Fig. 21 shows the OM images at high magnification, for the excess Si alloy, many 
as-cast particles remained in the matrix of the samples without homogenization. When 
the samples cooled in the furnace, the rod-lath like precipitates broken and distribute 
along the rolling direction. However, for the samples cooled in the air, the precipitates are 
not clearly. Fig. 21(d)-(f) shows the OM images of the balanced alloy. As seen in (e), 
Coarse particles of Mg2Si can be observed in the furnace-cooled samples. Meanwhile, it 
looks like many small particles in the air-cooled samples after hot extrusion. 
Fig. 22 shows the TEM images of the as-extruded microstructure of the excess Si alloy, 
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as shown in Fig. 22(a), after homogenization, the distribution of particles in the samples 
without homogenization are not uniform, in particular, near the Si particle areas. In the 
region 1, there is almost no particles, however, in the region 2, many particles can be 
observed. Although the grain size distribution is uniform in the samples without 
homogenization, however, the distribution of the Si and/or Mg2Si particles is not uniform 
in the matrix. As shown in Fig. 22(d), for the air-cooled samples, many small particles are 
visible, many of the particles at the sub-grain boundaries. The region in Fig. 22(d) 
corresponds to the area with a small grain size in Fig. 19. According to the shape the 
particles, most of them are Si. The microstructure of the furnace-cooled samples is shown 
in Fig. 22(e), the remained big particles of Si can be found, during extrusion, the Si 
particles or the Type-A, broken and remained. However, the Si particles are not too much, 
which can be found in the matrix of the No-homogenized and air-cooled samples. because 
the cooling rate after homogenization furnace cooling is low (20 oC/H), the precipitates 
have completely precipitated, the rod-like precipitates are due to the remained precipitate, 
which formed during homogenization furnace-cooling.  
3.2.2 After solution heat treatment 
Fig. 23 shows the microstructure after solution heat treatment, it can be seen that 
many particles remained in the matrix of the excess Si samples without homogenization, 
also some particles can be found in the furnace-cooled samples. however, when the 
samples cooled in the air, all the particles dissolved and almost no precipitates remained 
after solution treatment. In the case of balanced alloy, many coarse particles remained, 
for air-cooled samples, these particles disappeared. It should be note that air-cooled 
samples exhibit the largest grain size among the three group samples. 
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Fig. 19 OM and EBSD images of the as-extruded excess Si alloy with different 
homogenization treatments: (a, d) without homogenization, (b, e) cooled in the furnace, 
(d, f) cooled in the air. The corresponding inverse pole figures are shown in the lower left 
of the EBSD images.  
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Fig. 20 OM and EBSD images of the as-extruded balanced alloy with different 
homogenization treatments: (a, d) without homogenization, (b, e) cooled in the furnace, 
(d, f) cooled in the air. The corresponding inverse pole figures are shown in the lower left 





Fig. 21 OM images of the as-extruded (a-c) excess Si and (d-f) balanced alloys with 
different homogenization treatments: (a, d) without homogenization. (b, e) cooled in the 
furnace. (d, f) cooled in the air. 
 
Fig. 22 SEM and TEM images of the as-extruded excess Si alloy with different 
homogenization treatments: (a-c) without homogenization. (d) cooled in the furnace. (e) 
cooled in the air. (b) is SEM image under low magnification.  
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Fig. 23 OM images of the as-quenched (a-c) excess Si and (d-f) balanced alloys with 
different homogenization treatments: (a,d) without homogenization, (b,e) cooled in the 
furnace, (c,f) cooled in the air.  
 
 
Fig. 24 SEM images and elemental mappings of Si (b), and Mg (c) of the as-quenched 




SEM images and elemental mappings of Si and Mg of the as-quenched excess Si 
alloy without homogenization treatment is shown in Fig. 24, the elemental mappings 
confirmed that the Si remained in the samples without homogenization.  
Fig. 25 shows the OM images of the air-cooled excess Si samples after solution 
treatment. As shown in Fig. 25(a), many particles remained, like the water quenched 
condition. However, under high magnification, rod-like precipitates formed along the 
rolling direction near the Si particles. This suggests that the distribution of solute atoms 
is not uniform in the samples without homogenization. For the furnace-cooled or air-
cooled samples with homogenization treatment, this phenomenon is not obvious.  
For the balanced alloy, as shown in Fig .26, because all the particles are Mg2Si, 
compared to the Si particles, the Mg2Si is relatively easy to dissolve into the matrix, thus, 
only in the furnace-cooled samples with some coarse Mg2Si, the heterogenous 
distribution of the precipitates can be observed.  
Fig. 27 shows SEM and TEM images of the air-cooled excess Si samples after solution 
treatment and cooled in the air, from Fig. 27(a), it can be seen clearly that some 
precipitates formed along the rolling direction near the Si particles. As shown in Fig .27(c), 
Si phase can be confirmed, some of the precipitates along the <100>Al directions should 
be Si phase or Type-A. This suggests that the distribution of the solute atoms, especially 




3.3 Effect of homogenization on precipitation behavior during aging treatment  
The aging curves of the two alloys during aging at 200 oC was shown in Fig. 28, as 
can be seen, the air-cooled samples exhibit the highest peak hardness among the three 
groups, although there is a small difference between the different samples. The lower 
hardness of the samples without homogenization is due to the remained Si particles in the 
matrix after solution treatment.  
Fig. 29 shows the TEM bright filed images of the peak aged samples without 
homogenization. As can be seen in Fig. 29(a), all the needle-like precipitates orient in the 
<100>Al direction, Fig. 29(b) and (c) are magnified region of the marked area in (a), it is 
obliviously that the length and number density of precipitates are different. As shown in 
Fig. 29(b) and Fig. 29(c), the precipitates in the area 1 are much coarser while those in 
the area 2 are much finer. 
Fig. 30 shows the comparation of precipitates in the samples with different 
homogenization treatments. Under the peak aged condition, the distribution of 
precipitates is similar between the air and furnace cooled samples. Compared to the 
microstructure of the samples without homogenization, as seen in Fig. 30(a), a denser 
distribution of precipitates was found in the air/furnace cooled samples. The air-cooled 
samples contain higher number density of precipitates (330/um2) than the sample without 






Fig. 25 OM images of the air-quenched excess Si alloy with different homogenization 
treatments: (a) without homogenization, (b) cooled in the furnace, (c) cooled in the air. 
 
Fig. 26 OM images of the air-quenched balanced alloy with different homogenization 





Fig. 27 SEM and TEM images of the air-cooled excess Si alloy without homogenization: 
(a) SEM image under low magnification, (b) TEM images of the boundary in (a), (c) is 
magnified region of the marked area in (a).  
 








Fig. 30 TEM bright field images of the peak aged excess Si alloys with different 
homogenization treatments under the same magnification. 
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3.4 Effect of deformation on microstructure and aging behavior of the Al-Mg-Si and 
Al-Li-(Cu, Mg) alloys after solution treatment 
3.4.1 Al-Mg-Si alloy 
The aging curves of the ASR processed samples with different thickness reductions 
were shown in Fig. 31, when the samples processed by ASR, the peak hardness increases 
as compared to the as-quenched samples without deformation. with a thickness reduction 
of 80%, the sample exhibits the highest as-deformed hardness. When aged at 150oC, the 
highest hardness of the ASR processed sample obtained. While aged at 200oC, the 
samples reach the peak hardness quickly.  
The as-rolled microstructure was shown in Fig. 32, as can be seen, when the samples 
processed by ASR with the thickness reduction of 80%, the dislocations or sub-
boundaries formed in the matrix, from the diffraction patterns, most of the boundaries 
formed are low angle boundaries.  
Fig. 33 shows the microstructure of the ASR processed balanced alloy aged at 200 
oC for 16min. As can be seen, the low angle boundaries are visible in the matrix, some 












Fig. 33 TEM images of the as-deformed balanced alloy after aging at 200oC/16min: (b), 




Also, along the dislocations and inside the grains, many rod-like precipitates grow along 
the same needle direction. As shown in Fig. 33(c), the precipitates tend to form along the 
dislocations in one direction. 
3.4.2 Al-Li-(Cu, Mg) alloys 
Fig. 34 shows the hardness of the three alloys processed by different deformation 
methods. It can be seen that the as-quenched hardness of the Mg and Cu added alloys was 
higher than that of Al-Li alloy. The as-deformed hardness of all alloys increased with 
increasing the ε and finally saturated to the steady state at large strains where the hardness 
remained unchanged with further straining. Addition of alloying element also increased 
the hardness under the same ε, Al-Li-Cu alloy showed the highest hardness among alloys. 
As shown in Fig. 34, under the same thickness reduction, the ε introduced by ASR is 
higher than CR and the ASR samples showed higher as-deformed hardness level than the 
CR samples, i. e., the hardness of the Al-Li-Mg alloy after ASR was about 125 HV, while 
the hardness after CR was about 103 HV. Compared to ASR and CR, the HPT 
significantly increased the hardness after deformation, in particular, for the alloys with 
addition of Cu or Mg. 
As shown in Table 3, the aging temperature for the cold rolled and asymmetric rolled 
samples was 200 oC, however, for the HPT processed samples, the aging temperature was 
150 oC, as can be seen in Fig. 35, the increment of the hardness decreased with increasing 
the aging temperature, when the samples were aged at 70 oC, although a higher increment 
of the hardness can be obtained, it takes a long time to reach the peak condition(for 
example, 277 days for the Al-Li-Mg alloy), in order to get higher age-hardenability, 150 
oC was chosen to age the HPT processed samples and observe the microstructures. 
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Fig. 34 Micro Vickers hardness as a function of the equivalent strain (ε) in the CR, ASR 




Fig. 35 Aging hardening abilities of the HPT processed Al-Li, Al-Li-Mg and Al-Li-Cu 




Fig. 34 shows the age hardening behavior of the three alloys with and without 
deformations. The aging temperature for the undeformed, ASR and CR samples was 200 
oC and for the HPT sample was 150 oC. In Fig. 36(a), the as-HPT sample showed a high 
initial hardness value (127 HV), however, aging at 150 oC decreased the hardness. For 
the ASR and CR samples, there was a significant increase in hardness during aging. The 
peak hardness value of the ASR samples was 140 HV, which was higher than that of the 
peak-aged sample without deformation (117 HV) and samples processed by HPT. It is 
noteworthy that the ASR sample exhibited the highest peak hardness in the Al-Li binary 
alloy. As shown in Fig. 36(b), the peak hardness of the Al-Li-Mg alloy reached almost the 
same level as that of the Al-Li alloy under the undeformed condition, hardness of all the 
deformed Al-Li-Mg samples can be increased by aging treatment and the peak-hardness 
increased with increasing the ε. Addition of Mg not only increased the as-deformed 
hardness but also made the HPT processed samples obtained age-hardenability. The aging 
behavior of the Al-Li-Cu alloy was shown in Fig. 36(c), with the addition of Cu, the peak-
hardness of the undeformed samples was higher than the undeformed Al-Li and Al-Li-
Mg alloys. Different to the Al-Li-Mg alloy, there was a small difference between the peak 
hardness of the ASR and CR samples in Al-Li-Cu alloy. For all alloys, the peak hardness 
of deformed samples was higher than that without deformation, regardless of the alloy 
composition. Also, the peak hardness occurred earlier in the deformed samples. In 
contrast to the Al-Li alloy, the highest peak-aged hardness for Al-Li-Mg, Al-Li-Cu and 
Al-Li-Cu-Mg alloys was obtained by HPT and subsequent aging treatment. 
Fig. 37 shows the age-hardenability of the alloys with and without deformations, the 
age-hardenability was evaluated by the increment of the hardness, as can be seen, the as-  
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Fig. 36 Age hardening behavior of the (a) Al-Li, (b) Al-Li-Mg and Al-Li-Cu alloys with 
and without deformations.  
 
Fig. 37 Aging hardening abilities of the (a) Al-Li, (b) Al-Li-Mg and Al-Li-Cu alloys with 
and without deformations. 
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quenched alloys possessed the largest age-hardenability in all the alloys. However, as 
shown in Fig. 36 (a) and (c), before 3.84 ks, the age-hardening rate in CR processed Al-
Li and Al-Li-Cu alloys was higher than that after quenching. Although high values of 
hardness were achieved by HPT processing, the age-hardenability of the HPT processed 
alloys was the lowest. 
Fig. 38 shows TEM images of the as-quenched and peak-aged samples. It can be 
found that relatively small δ' phase formed in the matrix of all the alloys during quenching 
or immediately after quenching, as shown in Fig. 38(a), (e) and (i). The metastable δ’ 
phase has an L12 superlattice crystal structure and is coherent with the matrix [16]. 
Previous investigations have shown that the δ' phase already precipitates in the as-
quenched stage due to the δ' phase small lattice misfit and low interfacial energy [16]. 
The reported behaviors are in agreement with the results obtained here for the three alloys 
containing more than 2wt%-Li. In the as-quenched state, the number density of the δ' 
phase was about 5400/μm2, 7000/μm2 and 5100/μm2 in the Al- Li, Al-Li-Cu and Al-Li-
Mg alloys, after aging treatment, the number density of the peak-aged alloys decreased to 
about 680/μm2, 470/μm2 and 600/μm2, respectively.  
As shown in Fig. 38(c), (g) and (k), the spherical δ' phase was observed in all the 
peak-aged alloys. The average size of the δ' phase in the Al-Li and Al-Li-Cu alloys was 
about 28nm. With the addition of Mg, the size of the δ' phase increased to about 31 nm 
under the peak-aged condition. In addition, T1 (Al2CuLi) and θ' 
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Fig. 38 TEM images of the as-quenched and peak-aged samples of (a-d) Al-Li, (e-h) Al-
Li-Cu and (i-l) Al-Li-Mg alloys. Aging condition for the Al-Li and Al-Li-Cu alloys was 
200 oC/60ks, for the Al-Li-Cu was 200 oC/24ks. 
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(Al2Cu) phases also precipitated from the matrix of Al-Li-Cu alloy during aging. The θ' 
precipitates are rarely observed, in which the δ' and T1 phase were the two main 
strengthening precipitates types. For the Al-Li-Mg alloy, the stable S1 (Al2MgLi) phase 
was occasionally found in the peak-aged condition, as marked with arrow in Fig. 38(j). 
From the dark filed image, Fig. 38(k), it is clear that the S1 phase was surrounded by δ'-
precipitate-free zones (PFZ). 
The as-deformed microstructure of the HPT and ASR samples is shown in Fig. 39. 
As seen from Fig. 39(a)-(c), equiaxed ultrafine grains formed during HPT process. The 
average grain size of the Al-Li, Al-Li-Mg and Al-Li-Cu alloy was about 210 nm, 150 nm 
and 120 nm, respectively. Thus, the addition of Mg or Cu promoted the formation of a 
finer grain structure during HPT process. Fig. 39(d)-(f) shows the microstructure after the 
ASR. Due to the introduced equivalent strain by ASR is lower than HPT, it is not shown 
the fully recrystallized structure like the HPT processed microstructure. It is possible to 
observe some sub-grains and dislocation cell (or tangled dislocation). 
Fig. 40 shows the selected area electron diffraction (SAED) patterns of the three 
alloys after deformations. Based on Fig. 40(a), (b) and (c), most of these grains in ASR 
processed alloys were separated by low-angle boundaries due to the ASR introduced ε 
was low. However, the SAED pattern of the HPT processed Al-Li alloy in Fig. 40(d) 
exhibited rings indicative of grains separated by boundaries having high angles of 
misorientation. Also, the δ' phase can be detected from all the deformed samples, it means 
that δ' phase existed in the as-deformed alloys. 
Fig. 41 shows the microstructures of the three alloys after deformation and 
subsequent aging treatment. The dark filed images revealed that, under the peak-aged  
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Fig. 39 TEM micrographs of the Al-Li, Al-Li-Cu and Al-Li-Mg alloys processed by (a-c) 
HPT and (d-f) ASR. 
 
Fig. 40 SAED patterns of the ASR processed (a)Al-Li, (b) Al-Li-Cu, (c) Al-Li-Mg alloys 
and (d) HPT processed Al-Li alloy. (a), (b), (c) and (d) is the corresponding SAED 
patterns of Fig. 22 (d), (e), (f) and (a). 
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Fig. 41 TEM dark filed images of the peak-aged samples. The corresponding SAED 





condition, the average size of the δ' phase decreased with increasing the ε. Obvious 
growth of the δ' phase was confirmed in the CR processed alloys because of the prolonged 
aging time. As shown in Fig. 41(a), (c) and (d), (f), under the same aging condition, the 
average sizes of the δ' phase in the Al-Li-Mg alloy processed by CR are also larger than 
that in Al-Li alloy. At the same time, the larger δ' phase is visible along the dislocations. 
The average size of the δ' phase will be discussed later. For the peak-aged Al-Li-Cu alloy, 
the T1 phase formed in the CR and ASR samples, as shown in Fig. 41(b) and (e), severe 
interactions of the T1 with the δ' could be easily identified. In the ASR sample, except the 
finer T1 phase in the grain interior, the coarsening of the T1 precipitates adjacent to low 
angle grain boundaries (LAGBs) during aging was also found, as shown in Fig. 41(h).  
The HPT processed samples are shown in Fig. 42. As seen in Fig. 42(a)-(f), the δ' 
can be detected in the grains of the as-HPT samples. Because of the irregular morphology, 
the size of the δ' phase in the as-HPT sample is not given here. As shown in Fig. 42(h), 
the T1 phase was not detected in the grain interior of the peak-aged HPT sample of Al-Li-
Cu. This suggested that only δ' phase contributed to increase the hardness in the Al-Li-Cu 
and Al-Li-Mg alloys. 
Fig. 43 shows the microstructure of the three alloys under over-aged condition. 
When the aging time increased to 60ks, obvious growth of the δ' phase can be observed 
in the grains as compared to the peak-aged samples. As seen in Fig. 43(g)-(i), the 
precipitate formed within grain interiors was only δ' phase in the Al-Li and Al-Li-Mg 
alloys. For the Al-Li-Cu alloy, as shown in Fig. 43 (b) and (h), the T1 phase was detected 
in the grains. With the addition of Mg, as shown in Fig. 42(f), the S1 phase is found at the 
grain boundaries and a PFZ zones of δ' phase formed around the S1 phase, The larger size 
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of the δ' phase near the PFZ zones due to a lower nucleation density adjacent to the PFZ 
such that fewer precipitates form and subsequently grow to a larger size during aging. 
Alternatively, the precipitates bordering the PFZ may draw solute from within the PFZ 
and grow larger compared to the precipitates deeper within the grains [63]. 
Fig. 44 shows the grain size as function of aging time. In case of the HPT samples, 
when the aging time was 0.48 ks, the average grain size of the Al-Li alloy increased 
slightly, however, the Cu and Mg added alloys was unchanged. For the Al-Li alloy, the 
average grain size increased from about 210 nm to 400 nm after aging at 150 oC for 600 
ks. Under the same aging condition, the average grain size of the Al-Li-Cu and Al-Li-Mg 
alloys only increased to about 210 nm and 220 nm, respectively. It suggested that the 
grain growth of the Al-Li-Cu and Al-Li-Mg alloys was suppressed. As shown in the Fig. 
44, recrystallized grains and dislocation cell sizes of the Cu and Mg added alloys are also 




Fig. 42 TEM bright field and dark filed images of the three alloys after (a-f) HPT and (g-
i) HPT and aged at 150 oC for 0.48 ks. The corresponding SAED patterns were shown in 




Fig. 43 TEM bright field, dark filed images and SAED patterns of the three alloys after 
HPT and aged at 150oC for 60 ks (over-aged condition). The SAED patterns were taken 





Fig. 44 The grain size of the HPT and ASR processed Al-Li-(Mg, Cu) alloys during 
aging treatment.  
Table 4 The average size of δ' phase 
 
Table 5 Summary of hardness variations (HV) 
 δ' size (nm) 
 without deformation CR/60% ASR HPT 
  AS-Q Peak-aged Peak-aged Peak-aged Peak-aged 
Al-Li ~4.6 ~28 ~17 ~12 ~4.5 
Al-Li-Cu ~4.6 ~28 ~18 ~14 ~4.6 




4.1 Heterogeneous precipitation mechanism in air-cooled Al-Mg-Si alloys 
According to the observations above, the different heterogenous precipitation 
behavior of the Al-Mg-Si alloys between homogenization air-cooling and aging treatment 
are due to the presence of dislocations. As shown in Fig. 44, the illustration of the 
precipitates formation mechanism during air-cooling was supposed, as shown in Fig. 
44(a), before homogenization, there are many particles exist in the as-cast billets. During 
homogenization treatment, these particles are dissolved into the matrix. Before or during 
cooling, many dislocations formed within the grains. As the temperature decreases to near 
the solvus line, the precipitates nucleate preferentially at the dislocations due to the 
dislocations can act as heterogeneous nucleation site for the precipitates. 
When dislocations form in stages 1 to 3 or the dislocations remained from as-cast 
matrix, it is easy for the dislocations to glide or climb under the elevated temperature. 
Thus, these dislocations exhibit a wave shape, as shown in Fig. 16(d). At the same time, 
due to the glide of the dislocations, the precipitates will along different directions. As the 
temperature continuous to decrease, when the dislocations form at lower temperatures, 
for examples, stage 4, the new formed dislocations cannot glide or slide any more, this 
will cause the change of the distribution of the precipitates, the precipitates will parallel 
to each other in one direction. The precipitation behaviour is similar to that during aging 
treatment at this temperature.  
Unlike the dislocations induced by deformation before aging treatment, the 
dislocations form during cooling is more stable and difficult to annihilation, thus, at the 
end of the cooling stage, the under aged string-like precipitates can form along the  
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Fig. 45 Schematic quasi-binary phase diagram and schematic illustration of the evolution 
of the microstructure during homogenization air-cooling in the Al-Mg-Si alloys. 
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dislocations between the precipitates. When the temperature decreases to near 200 oC, the 
string-like precipitates will form along the dislocations between the precipitates. Thus, 
after homogenization air-cooling, the microstructure is like Fig. 45(f). Both the under 
aged and over aged precipitates can be found together in the matrix after homogenization 
along the dislocations.  
Before or during cooling, the climb (and slide) of the dislocations occurred, as shown 
in Fig. 16(d), for the Al-Mg-Si alloys, <100>Al directions are usually during the cooling 
stage, the precipitates firstly nucleated on the most favored condition, as reported 
previously, take the Q (Type-C) phase for an example, the most favorable condition for 
nucleation on dislocations corresponds to the situation where the maximum misfit vector 
of the precipitates is parallel or nearly parallel to the burger vector, also the dislocations 
line lie in direction lies in the habit plane of the precipitates [63]. Obviously, some 
segments of the dislocations are along the <100>Al directions, they are the favorable sites 
for the nucleation of the precipitates. 
4.2 Effect of homogenization on subsequent processing 
Fig. 46 shows the schematic illustration of the effect of homogenization on 
subsequent processing in the excess Si alloys. For the samples without homogenization, 
as seen in Fig. 46(g) and (f)-(h), when the as-cast samples subjected to hot extrusion and 
rolling, many as-cast particles remained, the as-cast particles were broken and distributed 
along the extrusion/rolling direction. After solution treatment, when the samples 
quenched in cold water, the Si particles can be detected from the matrix of the samples 
without homogenization, the relatively low peak hardness during aging treatment 
probably was caused by the remained Si particles, because the remained Si particles 
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decreased the solute atoms of Si in the matrix, it has been confirmed that Si atoms can 
enhance the precipitation during aging treatment. Meanwhile, as shown in Fig. 25, the 
rod/lath like precipitates formed near the Si particles along the extrusion direction, this 
indicates that the distribution of the Si atoms in the matrix of the samples is not uniform, 
as shown in Fig. 46(g), during solution treatment, the Si solute atoms diffused into the 
aluminum matrix from the Si particles, however, the diffusion process was not finished 
before quenching, thus, a solute atoms rich zones formed after quenching, there is no 
doubt that the distribution of precipitates between different regions is different. During 
aging treatment, more Si can be available in solid solution of the solute atom rich regions, 
and a region of fine microstructure can appear during aging. At the same time, in the 
solute atom poor regions, the precipitates are much coarser, which has been confirmed in 
Fig. 28.  
For the samples with homogenization and cooled in the furnace, as shown in Fig. 
46(b)-(e), after homogenization, the lath/rod-like precipitates uniformly distribute within 
the grains, during extrusion/rolling, these lath-shaped precipitates were broken. Although 
some Si rich particles remained after solution treatment, and some solute atom rich 
regions may form due to the diffusion, however, the inhomogeneous distribution of 
precipitates were not be observed in the aged samples of this work, this suggests that the 
precipitates in the furnace cooled samples are more homogeneous than the No-
homogenization samples.  
When the samples homogenized at 575 oC for 2 H and cooled in the air, as shown in 
Fig. 46(i)-(l), all the Si particles dissolved due to Si atoms diffuse into the matrix from 
the Si particle. however, the concentration of the solute atoms is still uneven, which has 
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been observed in Fig. 13, many precipitates formed near the original as-cast particles. 
After homogenization, there are many solute atom rich regions in the air-cooled samples. 
When the air-cooled samples subjected to extrusion and rolling, the inhomogeneity is still 
remained, even after solution treatment, some small regions with low content of solute 
atoms exist. Thus, during aging treatment, the precipitates in some regions are coarser 
and the number density is lower due to the fewer nucleation sites. 
In addition, as seen from Fig .19 and Fig .20, homogenization can affect the grain 
size after extrusion and solution heat treatment, all the excess Si and balance alloys with 
homogenization air-cooling exhibit the largest grain size, this is due to in the air-cooled 
samples, there are no large particles for inhibiting the recrystallization and grain growth. 
For the samples without homogenization, large amounts of as-cast particles remained, the 
as-cast particles can act as obstacle for the grain growth [64]. For the samples cooled in 
the furnace, since the cooling rate after homogenization was very slow, the coarse Mg-Si 





Fig. 46 Schematic illustration of the effect of homogenization on the subsequent 
processing in the excess Si alloys  
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4.3 Effect of deformation on microstructure and aging behaviors in Al-Mg-Si and 
Al-Li-(Cu, Mg) alloys 
When the Al-Mg-Si and Al-Li-(Cu, Mg) alloys processed by ASR, the introduced 
strains were not high enough to form high angles boundaries, as shown in Fig. 32 and Fig. 
38, low angles boundaries and tangled dislocations formed in the matrix.  
For the Al-Li-(Cu, Mg) alloys, Ultrafine grains with high angle boundaries formed 
after HPT as a result of the high ε introduced. As seen in Fig. 39, the average grain size 
of Al-Li alloys is 210 nm, addition of Cu and Mg enhanced the HPT induced refinement 
of the microstructure of Al-Li alloy. Cu addition is more effective than Mg in refining the 
grain size. The average grain size of the Al-Li-Cu and Al-Li-Mg alloy is 120 nm and 150 
nm, respectively. The fine grain refinement with the addition of Cu or Mg is owing to the 
effect of atomic-size and modulus mismatch on the mobility of the dislocations [65]. The 
presence of Mg or Cu atoms increases the localized stress needed for dislocation motion, 
thus reduce the dislocation recovery, dynamic recrystallization and grain boundary 
migration during HPT processing. Cu is more effective than Mg in inhibiting dynamic 
recovery [66]. This also explains why the Al-Li-Cu alloys always exhibit the highest 
hardness under different ε. Recently, many studies have confirmed the deformation 
induced solute segregation at grain boundaries [67-71], for instance, Xu found that Cu 
atoms segregate at grain boundaries during plastic deformation due to dynamic 
interaction between Cu atoms with gliding dislocations, segregation of Cu atoms at grain 
boundaries play a crucial role in stabilizing the nanostructures [67]. Segregation of Mg 
has also been investigated in Al-Mg alloys [70,71], it shows that the HPT processed Al-
Mg alloys exhibit higher strength than the Hall-petch relationship predicts, the enhanced 
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strength is attributed to segregation of Mg at the grain boundaries, it is concluded that the 
addition of Mg can amplify the Hall-Petch type GB strengthening. Thus, the Cu and Mg 
addition influences SPD-processed materials not only through a more enhanced grain 
refinement but also through grain boundary segregation of Cu and Mg atoms.  
For the ASR samples, recrystallized grains and dislocation cell size of the Cu and 
Mg added alloys was also smaller than the Al-Li alloy. These boundaries are less 
effectively in promoting grain boundary strengthening, because low angle boundaries are 
weaker obstacles for dislocation movements [72].   
Aging treatment after deformation can increase the hardness of the as-deformed Al-
Mg-Si and Al-Li-(Cu, Mg) alloys, however, for the Al-Mg-Si alloys, the increase of 
hardness is lower than that in Al-Li-(Cu, Mg) alloys. Take ASR as an example, when aged 
at the same temperature (200 oC), under the similar equivalent strains, the hardness 
increase for Al-Mg-Si alloy is 14 HV, however, for the Al-Li alloy, the hardness increase 
is 37 HV, there are two reasons: (1) the overaged precipitates in Al-Mg-Si alloys can 
easily nucleate on the dislocations during aging treatment, while the dislocations 
enhances the nucleation and precipitation of the strengthening phase of δ' in the Al-Li 
alloys; (2) the content of the solute atoms in Al-Mg-Si alloys is lower than that in Al-Li-
(Cu, Mg) alloys.  
For the Al-Li-(Cu, Mg) alloys, in comparison to the Al-Li alloy, the average size of 
the δ' phase in Al-Li-Mg alloys was always larger than the Al-Li alloy from as-quenched 
state, as shown in Table 4. However, the number density of the Al-Li-Mg alloy was lower, 
it suggested that Mg addition increases the average size of the δ' phase from as-quenched 
state as compared to binary Al-Li alloy. In spite of the initial hardness of Mg added alloy 
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was higher than the Al-Li alloy, the two alloys exhibited a similar peak hardness when 
aged at 200 oC, as seen in Fig. 36. These results indicated that the precipitation of the 
incoherent S1 phase combined with the formation of δ'-PFZs leads to material softening 
in the Al-Li-Mg alloy. With the addition of Cu, except the δ' phase, the T1 and θ' phase 
also formed in the matrix, especially the T1 phase, which orientation relationship with the 
matrix is {0001}T1//{111}Al and <1010>T1//<110>Al [73]. It impedes the dislocation glide 
along the {111}Al plane and therefore contribute more to strengthening than precipitates 
like δ' and θ' phase [74]. This is the reason that the ΔHV of the Al-Li-Cu alloy was higher 
than the Al-Li and Al-Li-Mg alloys.  
As seen in Table 4, with increasing the ε, the average size of the δ' phase decreased 
under the peak-aged condition. For the Al-Li and Al-Li-Mg alloys after CR and ASR, the 
hardness increase of the Al-Li and Al-Li-Mg alloys resulted from the precipitation and 
growth of δ' phase. As shown in Fig. 37(a), the CR processed samples exhibited a higher 
initial age-hardening rate than the as-quenched samples, indicating that the presence of 
dislocations facilitated the growth of δ' phase [75]. When the ε < 2, the age-hardenability 
of the Al-Li alloy was always higher than the Al-Li-Mg alloy, however, under the SPD 
condition (ε > 30), the Al-Li alloy lost the age-hardenability, even the alloy was aged at 
70 oC, the highest hardness increment was only 2.6 HV, as shown in Fig. 35. The similar 
results were also reported in the reference [76], the Al-0.7wt%Li and Al-1.6wt%Li alloys 
were processed by hydrostatic extrusion (HE) and equal channel angular extrusion 
(ECAP), even the as-deformed alloys annealed at the lowest temperature (70 oC), the 
hardness decreased due to recovery. As shown in Fig. 44, compare to Al-Li-Cu and Al-
Li-Mg alloys, there was a small increase in the average grain size of the Al-Li alloy when 
aged at 150 oC for 0.48 ks. Apparently, the precipitation and growth of δ' phase cannot 
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compensate the reduced grain boundary and dislocation strengthening in the Al-Li alloy. 
The grain growth of the HPT processed Cu and Mg added alloys was suppressed during 
aging. It is well known that the presence of solute or impurity segregation in grain 
boundary regions imposes a drag force on the GB and reduces the driven force for grain 
growth due to the decrease in grain boundary energy [77,78]. The precipitates formed at 
the grain boundaries during aging can also pin the grain boundaries. Therefore, the grain 
growth rate of the Cu and Mg added alloys is suppressed. Although the hardness of the 
HPT processed Al-Li alloy decreased upon aging, with the addition of Cu and Mg, the 
hardness of the HPT processed samples increased and reached the peak rapidly(0.48 ks). 
As shown in Fig. 42, the T1 phase was not found in the grain interior of the peak-aged 
HPT processed Al-Li-Cu alloy, there is no doubt that the precipitation and growth of δ' 
phase contributes to the hardness during aging. In addition, the annealing (aging) induced 
hardening has been confirmed in Al-Cu and Al-Mg alloys after SPD [79,80], it was shown 
that the hardening of ECAP processed Al-5wt%Cu alloy was due to aging-induced 
relaxation of non-equilibrium HAGBs with enhanced grain boundary segregations of Cu. 
In the present work, this may also contribute to increase the hardness in the initial stage 
of aging.  
Above all, through combination of deformation and aging treatment, hardness of all 
the alloys were improved except HPT processed Al-Li alloy. It is suggested that 
concurrent strengthening by grain refinement and precipitation hardening is hardly 
activated in the binary Al-Li alloy. Severe plastic deformation will make the binary Al-Li 
alloy lose age-hardenability, the combination of ASR with medium ε and aging treatment 
is better for strengthening the binary Al-Li alloy. However, according to Fig. 34, with the 
addition of Mg or Cu, since the peak-aged hardness increases with increasing the ε before 
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reaching the stead-state, a highly introduced ε is helpful to strengthen the alloys. 
Moreover, for the Al-Li-Cu alloy, a lowly introduced ε effectively increased the peak-
hardness as compare to the Al-Li-Mg alloy, due to dislocation enhances the precipitation 
of T1 phase [81], however, in the case of ASR, the hardness increase between ASR and 
CR samples was smaller than that in Al-Li-Mg alloy. As shown in Fig. 41(h), T1 phase 
coarsened at the low angle boundaries, this suggests that the introduced ε during 
deformation should avoid forming low angle boundaries, coarsening of T1 phase along 
the low angle boundaries may affect the properties of Al-Li-Cu alloy [82,83]. 
5. Conclusions 
The present work investigated the effect of different processes on the microstructure 
and precipitation in age-hardenable Al-Mg-Si and Al-Li-(Cu, Mg) alloys. The major 
findings and contributions have been summarized as follows: 
(1) Homogenization at 575oC for 2H can remove the as-cast particles in the Al-0.31Mg-
0.68Si wt.% and Al-0.64Mg-0.32Si wt.% alloys. During homogenization furnace-
cooling (20 oC/H), for the Al-0.31Mg-0.68Si wt.% alloy, predominately the rod/lath-
like precipitates formed in the matrix are Si phase and Type-A, most of the Si phases 
exhibit a lath shaped morphology. For the Al-0.64Mg-0.32Si wt.% alloy, in addition 
to the homogeneous precipitation of the Mg2Si phase, heterogeneous precipitation of 
the β′ and β′/Type-B precipitates was observed along the dislocations. 
(2) During homogenization air-cooling (830 oC/H), few precipitates can be observed in 
both of the Al-0.31Mg-0.68Si wt.% and Al-0.64Mg-0.32Si wt.% alloys, however, 
many “boundaries” formed inside the grains due to the heterogeneous nucleation of 
precipitates on the dislocations. Among the “boundaries”, the rod-like precipitates 
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only lying along [100]Al and [010]Al directions was observed, also the precipitates 
along three equivalent <100>Al directions were also confirmed. At the same time, as 
the temperature decreases during cooling, the rod-like precipitates nucleated on the 
dislocations are lined up and parallel to each other. The over-aged precipitates 
together with the string-like precipitates, were observed along the dislocations in the 
homogenization air-cooled samples. 
(3) Homogenization can affect the grain size after hot extrusion, the grain size is more 
smaller and uniform in the samples without homogenization due to the presence of 
as-cast particles. However, in the excess Si alloys without homogenization, the 
heterogeneous distribution of the Mg-Si and Si particles were confirmed.  
(4) Homogenization affects the grain size and solute atoms distribution after solution 
treatment. The homogenization air-cooled samples always exhibiting the biggest 
grain size after solution treatment, regardless of the alloy composition. For the excess 
Si alloy without homogenization, solution treatment at 575oC for 1H cannot dissolve 
all the Si particles, the concentration of Si atoms near the Si particles along the 
extrusion/rolling direction is higher than the other areas.  
(5) Processed by ASR, the dislocation cells and recrystallized grains formed in balanced 
Al-Mg-Si alloy with a thickness reduction of 80%, during aging treatment, the 
deformed alloy shows accelerated precipitation kinetics in comparison to the 
undeformed counterpart. When the ASR processed samples at 200oC for 16min, most 
of the precipitates formed along the low angle grain boundaries, string-like 
precipitates also were observed along the dislocations within the grains.  
(6) For the HPT, ASR and CR processed Al-Li-(Cu, Mg) alloys under different equivalent 
strains, addition of Mg or Cu increases the as-deformed microhardness of the Al-Li 
81 
alloys. Cu is more effective than Mg for increasing the as-deformed hardness. In the 
case of the ASR, the microstructure after deformation formed the dislocation cell (or 
tangled dislocation) and recrystallized grains. After processed by HPT, an ultrafine-
grained structure with a grain size of 210nm, 120nm and 150nm was achieved in the 
Al-Li, Al-Li-Cu and Al-Li-Mg alloys, respectively. Addition of Cu or Mg enhances 
the grain refinement and suppresses the grain growth of the ultrafine Al-Li alloys 
during aging. 
(7) With different amount of introduced ε, aging times for reaching peak aging are 
different. Higher ε causes shorter time for reaching peak aging. For the Al-Li alloy, 
severe plastic deformation (ε > 30) made it lose age-hardenability, however, the aging 
of the asymmetric rolled Al-Li alloys increased the hardness further and the highest 
hardness was obtained in this alloy. With the addition of Cu or Mg, the as-deformed 
hardness can be further increased by aging treatment, regardless of the strains. During 
aging treatment, the peak hardness increases with increasing the equivalent strains. 
(8) In the Al-Li-Mg alloy, S1 phase appeared in the peak-aged condition of preciously 
non-deformed samples. In the Al-Li-Cu alloy, T1 phase formed in the grain interior of 
peak-aged ASR, CR and undeformed samples. Coarsening of T1 phase was also 
confirmed along the low angle boundaries in the ASR processed samples. However, 
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